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Abstract The effect of hydrogen on the corrosion and stress corrosion cracking of the magnesium AZ91 alloy has been

investigated in aqueous solutions. Hydrogen produced by corrosion in water diffuses into, and reacts with the Mg matrix to

form hydride. Some of the hydrogen accumulates at hydride/Mg matrix (or secondary phase) interfaces as a consequence of

slow hydride formation and the incompatibility of the hydride with the Mg matrix (or secondary phase), and combines to

form molecular hydrogen. This leads to the development of a local pressure at the hydride/Mg matrix (or secondary phase)

interface. The expansion stress caused by hydride formation and the local hydrogen pressure due to its accumulation result

in brittle fracture of hydride. These two combined effects promote both the corrosion rate of the AZ91 alloy, and crack

initiation and propagation even in the absence of an external load. Hydrogen absorption leads to a dramatic deterioration in

the mechanical properties of the AZ91 alloy, indicating that hydrogen embrittlement is responsible for transgulanar stress

corrosion cracking in aqueous solutions.

KEY WORDS: AZ91 alloy; Corrosion; Hydrogen; Secondary ion mass spectroscopy (SIMS); Transgulanar

stress corrosion cracking (TGSCC)

1 Introduction

Hydrogen generation always accompanies the corrosion of

magnesium and its alloys in aqueous solutions. With an

increase in applied cathodic or anodic potential, the

hydrogen generation rate accelerates as a consequence of

cathodic polarization or the negative difference effect

(NDE) [1–21]. Thermodynamically, hydride formation is

favorable at a potential less than -2.3 V/SHE in aqueous

solutions [22, 23], and magnesium hydride is widely used

as a hydrogen storage material [24–27]. Thus, it is

inevitable that hydrogen produced by corrosion either

directly reacts with magnesium to form corrosion product,

as detected using time-of-flight secondary ion mass spec-

troscopy (ToF–SIMS) [28], X-ray photoelectron spec-

troscopy (XPS) [29], and X-ray diffraction (XRD) [30, 31],

or diffuses into magnesium and its alloys [32–36].

Hydride formation at the film/electrolyte interface will

influence the corrosion processes of magnesium and its

alloys. According to the Mg–H2O Pourbaix diagram [22,

23] and the results of extensive corrosion studies of mag-

nesium and its alloys in aqueous solutions [28–58], it is

clear that atomic hydrogen, gaseous hydrogen, and hydride

coexist at the film/electrolyte interface. As a consequence

of porous corrosion product [Mg(OH)2/MgO] formation

[40–42], hydride can decompose into hydroxide and
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hydrogen gas once in contact with water, resulting in a

deterioration in film compactness and adherence to the

magnesium matrix. Moreover, the abundant hydrogen

provided by hydride decomposition and the formation of

more porous corrosion products favors hydrogen adsorp-

tion and permeation, leading to the acceleration of hydro-

gen absorption into the magnesium matrix.

This absorbed hydrogen can either be trapped by

defects, such as dislocations and grain boundaries, or react

with magnesium to form hydride which is thermodynami-

cally stable in the absence of water. Depending on the

hydride formation rate, hydride coherence to the matrix,

and the diffusion coefficient of hydrogen in magnesium

(*10-9–10-20 m2/s [32–36]), a presently unknown frac-

tion of the hydrogen might accumulate at the

hydride/matrix interface to yield gaseous hydrogen. Thus, a

better understanding of the possible hydrogen states in

magnesium is required if the role of hydrogen in the cor-

rosion and stress corrosion cracking (SCC) of magnesium

and its alloys is to be elucidated.

In this study, the possible states of hydrogen inside the

as-cast AZ91 alloy were investigated, and the possible role

of hydrogen in corrosion and SCC was discussed. In

addition, the correlation between hydride formation and the

microstructure of the alloy was also studied.

2 Experimental

Experiments were conducted using an as-cast AZ91 mag-

nesium alloy with the composition (wt%) 9.14 Al, 0.49 Zn,

0.26 Mn,\0.001 Ni, 0.002 Fe, 0.002 Cu (balance Mg). The

exposed sample surface was ground with silicon carbide

papers to a 2000-grit finish, fine polished using 0.5 lm

diamond paste, cleaned with distilled water and acetone,

and then dried in cool air.

For all electrochemical tests, a standard three-electrode

system was employed with the as-cast AZ91 alloy as the

working electrode, a Pt plate auxiliary electrode, and a

saturated calomel reference electrode (SCE). Solutions

were prepared using distilled water, and pro-analysis grade

Na2SO4 and NaOH. The experiments were conducted in

contact with air at either 20 ± 2 or 30 ± 2 �C, except for

experiments performed inside the chamber of an environ-

mental scanning electron microscope (ESEM, 4 ± 0.1 �C).

The mechanically polished samples were cathodically

charged in either a 0.1 mol/L Na2SO4 solution (pH 6.1) or

a 0.1 mol/L NaOH solution (pH 13) at 14 mA (the applied

cathodic current density was 27.8 mA/cm2, at an adopted

potential of -4.5 V) for 3 h using a DH1718D-5 Poten-

tiostat. Depending on the experiment to be conducted, the

pre-charged samples were treated by one of the following

procedures: (1) mechanically polished for\10 min using a

0.5 lm oil-based paste (to avoid contact with water),

cleaned with acetone, dried in cool air, and immediately

analyzed using a CAMECA IMS6F secondary ion mass

spectroscopy (SIMS) at an accelerating voltage of

12.5 keV to sputter the surface; (2) vacuum annealed for

2 h at 150, 350, and 480 �C, respectively, then polished

using the oil-based paste, cleaned with acetone, dried in

cool air, and analyzed using SIMS; (3) transferred to the

chamber of a Philips XL30 ESEM for in situ studies (the

experimental procedure has been described in detail else-

where [42]); (4) used in slow strain rate tests (SSRT) at a

strain rate of 1 9 10-6/s. The purpose of the SSRT tests

was to study the role of hydrogen in the SCC of the alloy

by comparing the SCC behavior of pre-charged to

uncharged samples.

The surface and cross-sectional morphologies of these

samples were observed using a Phillips XL30 ESEM.

X-ray photoelectron spectroscopic (XPS) analyses were

carried out on an ESCALAB 250. Spectra were excited

using AlKa radiation to bombard the surface with high-

energy monochromatic X-rays (hm = 1486.6 eV). Xpspeak

4.1 software was used to analyze the data. Spectra recorded

on the thick corrosion product (after 120 s of ion etching)

were corrected for surface charging by setting the carbon

1s peak at 284.6 eV.

3 Results and Discussion

Typically, the as-cast AZ91 alloy is comprised of a-Mg

grains, b phase (Mg17Al12) distributed along grain bound-

aries, and AlMn precipitates within the a-Mg grains (Fig. 1)

[35, 39–42]. The Al content of the alloy gradually increases

from the a-Mg grains to the b phase. An in situ ESEM study

[45] of the initial corrosion of the AZ91 alloy under a

deposited micro-droplet clearly showed that the b and AlMn

phases are nobler than the a-Mg grains based on the distri-

bution of hydrogen generation. Initially, hydrogen

Fig. 1 Microstructure of as-cast AZ91 alloy [39]
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generation distributed mainly around these two phases.

However, once corrosion products deposited, the dominant

hydrogen generation sites were on the surface of the corro-

sion products since it is highly possible that porous magne-

sium hydroxide filled with solution was electronically

conductive [59], and that the involvement of Al corrosion

products (identified by EDS, XPS, and XRD [35, 37, 39])

increased this conductivity [35, 47]. This indicates that the

location of the anodic and cathodic sites on the alloy surface

shifted during corrosion as the corrosion products become

active cathodic sites. These galvanic couples would provide

abundant hydrogen at the film/electrolyte interface, which is

the prerequisite for hydrogen permeation.

If hydrogen generation can only occur on the substrate

Mg surface in contact with the solution in the surface film

pores as suggested by Song and Unocic [60], the hydrogen

generation rate should be (at least partially) limited by

hydrogen transport in the pores once the corrosion product

film became thick at long exposure time. In addition,

coverage by corrosion products would decrease the effec-

tive corroding surface area. These two factors would lead

to a slowdown of the hydrogen generation rate at longer

immersion times, which is the opposite of the hydrogen

collection results presented by Song and Unocic [60]. The

deposition of corrosion products on the Mg surface would

lead to a separation of anodes and cathodes with the pro-

portion of the cathodic area increasing, which is in agree-

ment with the results of SVET (scanning vibrating

electrode technique) [61].

3.1 Cracking of b Phase in AZ91 Alloy

Studies [35, 39] showed that the b phase in AZ91 experi-

enced brittle fracture after immersion in a 0.1 mol/L Na2-

SO4 solution for 480 h under natural corrosion conditions

(Fig. 2a). After cathodic charging at a current density of

27.8 mA/cm2 in a 0.1 mol/L Na2SO4 solution for 3 h, and

the removal of the Mg/Al hydroxides (detected by XPS),

the b phase was observed to be cracked. Examination of a

cross section, Fig. 2b, clearly showed that more cracks

were present in the pre-charged sample than that in the one

only exposed to the sulfate solution. These results suggest

that hydrogen produced by either corrosion or cathodic

polarization can lead to brittle fracture of the b phase in the

alloy. To investigate the consequences of absorbed

hydrogen on the corrosion behavior of the AZ91 alloy, the

pre-charged specimen was fine polished like the uncharged

one and subsequently exposed to a fresh 0.1 mol/L Na2SO4

solution for 4 h under natural corrosion conditions. Sub-

sequent examination of a cross section showed that the

average thickness of corrosion products deposited on the

pre-charged sample after this exposure was *20 lm

(Fig. 2c), which was twice the thickness of the layer

formed on an uncharged sample exposed for 181 h under

the same conditions (*10 lm [39]). This difference

showed that the absorbed hydrogen greatly accelerated the

corrosion process.

When the pre-charged sample was transferred into the

ESEM chamber and covered with a thin layer of solution,

the hydrogen produced by corrosion was observed to per-

meate into the alloy, leading to the initiation of additional

cracks as well as the propagation of existing ones [42].

3.2 Hydrogen State in AZ91 Alloy

After cathodic charging, the distribution of hydrogen was

immediately determined by SIMS which showed that the

hydrogen content around the b phase was relatively higher

than that in other regions [35].

As discussed in the introduction, there are three possible

states of hydrogen absorbed into the alloy: atomic hydro-

gen, hydride, and molecular hydrogen. Previous study on

the effects of hydrogen on the mechanical properties of

iron and steel [62] showed that trapped hydrogen could be

Fig. 2 Cross sections of as-cast AZ91 magnesium alloy: a after immersion in 0.1 mol/L Na2SO4 solution under natural corrosion condition for

480 h, b after cathodic charging in 0.1 mol/L Na2SO4 solution at 27.8 mA/cm2 for 3 h, c after cathodic charging in 0.1 mol/L Na2SO4 solution at

27.8 mA/cm2 for 3 h and then immersion in fresh 0.1 mol/L Na2SO4 solution under natural corrosion condition for 4 h [35]

J. Chen et al.: Acta Metall. Sin. (Engl. Lett.), 2016, 29(1), 1–7 3

123



released after annealing once the characteristic energy of

traps (both reversible and irreversible) was reached.

Hydride is thermodynamically stable when the annealing

temperature is less than its decomposition temperature, but

decomposes to produce abundant hydrogen and a very high

local hydrogen pressure when the annealing temperature is

higher than the hydride decomposition temperature. This

leads to crack initiation and propagation in the alloy.

Theoretically, the hydride decomposition temperature is

281.9 �C [63], while the measurements show it to be in the

range of 250–438 �C [64–66]. Chakrapani and Pugh [67]

showed that the hydrogen concentration in Mg samples

corroded in NaCl/K2CrO4 solution for 24 h decreased from

*170 to *50 ppm after vacuum annealing at 385 �C for

4 h. This suggested that trapped hydrogen was mostly

released at that annealing temperature while the hydride

decomposition temperature should be [385 �C. Thus,

samples were treated at three annealing temperatures, 150,

350, and 480 �C, to identify the presence of hydride within

the alloy based on whether or not cracks were seen on the

surface. According to Mg–Al and Mg–Zn binary phase

diagrams [68], it is impossible that cracks caused by locally

melted alloy solidification would be present during these

annealing treatments.

The typical surface morphologies of the annealed samples

are shown in Fig. 3. Generally, the crack length increased

with increasing annealing temperature. After annealing at

150 �C, the crack length (in Fig. 3a) was similar to that after

cathodic charging, Fig. 2b. When the annealing temperature

increased to 350 �C, the crack in the b phase was longer than

the one caused by annealing at 150 �C (Fig. 3b). After

annealing at 480 �C, which is higher than the hydride

decomposition temperature, many intergranular cracks were

observed (Fig. 3c), indicating the presence of hydride within

the alloy. This places the hydride decomposition temperature

within the range from 350 to 480 �C, which is consistent with

the results of Chakrapani and Pugh [67].

The location of these intergranular cracks suggested that

hydride formation was strongly related to the distribution

of b phase. Compared to the crack length after annealing at

150 �C, the increased crack length in the sample annealed

at 350 �C suggested a change in the physical properties of

hydrogen (such as volume) inside the alloy could be

responsible for the observed crack growth, since the

hydride is stable at this annealing temperature. One pos-

sibility is that the molecular hydrogen accumulated at

hydride/Mg interfaces within the matrix expanded during

annealing to produce a local pressure, causing crack initi-

ation, and propagation.

SIMS analyses of H and Al were used to confirm the

relationship between the site of hydride formation and the

microstructure of the AZ91 alloy. After annealing at

150 �C, partial trapped hydrogen may be released, but the

hydride would remain dormant in the interior of the alloy.

Figure 4 shows the distribution of hydrogen and Al after

annealing at 150 �C, with the Al distribution indicating the

location of the b phase. It is clear that hydride was located

in the b phase (Fig. 4a, b), in accordance with the crack

initiation sites shown in Figs. 2 and 3. After annealing at

480 �C, hydrogen enrichment was still detected at the front

of the crack tip (Fig. 4c, d). There are two possible

explanations for this: (1) The characteristic energy of some

hydrogen traps was quite high; (2) since the diffusion

coefficient of hydrogen in magnesium at 480 �C is high

(*10-7 m2/s [69]) and hydride decomposition releases

abundant hydrogen, hydrogen becomes enriched at defects

in front of the crack tip to reform molecular hydrogen.

If hydrogen gas can form in the interior of the alloy, it

should be much easier to accumulate and form blisters near

the surface, as observed for Zn [70], steel [71], and W [72].

In aggressive sulfate solutions, hydrogen absorption

accelerated the corrosion rate of the alloy (Fig. 2), sug-

gesting it is hard for hydrogen blisters to form near the

surface of the alloy under these conditions. However, we

showed previously [48] that the AZ91 alloy is passive in

alkaline solution (pH 13), making this a possible medium

for hydrogen blister formation. To accelerate the hydrogen

permeation process, the AZ91 alloy was cathodically

polarized at the same current density used in the sulfate

solution. Figure 5a shows that hydrogen blisters are formed

Fig. 3 Surface morphology of the pre-charged AZ91 alloy after vacuum annealing at: a 150 �C, b 350 �C, c 480 �C [35]
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on the alloy surface, confirming that molecular hydrogen is

one of the hydrogen states inside the alloy. Once a critical

hydrogen pressure was reached, the blister ruptured, lead-

ing to the initiation of many cracks around the broken

blister (Fig. 5b).

It can be concluded that hydrogen produced by either

corrosion or cathodic polarization diffused into the alloy

and reacted with Mg to form hydride. Since hydrogen

diffusion was faster than the rate of hydride formation, and

hydride needs to form as a separate phase within the Mg

Fig. 4 Element mapping of the pre-charged AZ91 alloy using SIMS: H mapping a, Al mapping b after vacuum annealing at 150 �C, H mapping

c, Al mapping d after vacuum annealing at 480 �C [35]

Fig. 5 Surface morphology of as-cast AZ91 magnesium alloy after cathodic charging in 0.1 mol/L NaOH solution at 27.8 mA/cm2 for a 1 h,

b 3 h [50]
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matrix (or b phase), the hydrogen accumulated at the

hydride/Mg matrix (or b phase) interface combined to form

gas. When the pressure caused by hydrogen gas formation,

and hydride formation and expansion, reached a critical

value, the hydride in the Mg matrix (or b phase) experi-

enced brittle fracture, leading to crack initiation (Fig. 2).

Thus, the main hydrogen states inside the alloy are trapped

atomic hydrogen, hydride, and accumulated hydrogen gas

at the hydride/Mg matrix (or b phase) interface.

3.3 Hydrogen Effect on SCC of AZ91 Alloy

When the AZ91 alloy was exposed to a gaseous hydrogen

atmosphere, its tensile properties (i.e., ultimate tensile

strength) and ductility (i.e., elongation) dramatically

decreased compared to that exposed in Ar and air [73].

This is in accordance with our previous study [43]. With

increasing pre-exposure time in gaseous hydrogen, a more

serious degradation in mechanical properties occurred.

This indicates hydrogen, regardless of its source (e.g., by

either corrosion, cathodic charging, or absorption from a

gaseous atmosphere), is responsible for the decrease in

mechanical properties.

In aqueous solutions, the AZ91 alloy is inherently sus-

ceptible to TGSCC [42–44, 47, 49, 69, 73–77]. For

example, even when the alloy was exposed to distilled

water, the mechanical properties of the alloy were much

lower than that exposed to air. Cross-sectional and frac-

tographical observations showed the initiation of many

transgranular secondary cracks in the b phase [43, 73]. In a

more aggressive Na2SO4 solution, the tensile and ductile

properties of both the pre-charged and uncharged alloy

decreased to half of the values for the uncharged alloy

tested in air [43], and more transgranular cracks initiated in

the b phase ahead of the main crack [43]. In the presence of

an external load, the main crack propagated by interlinking

these minor cracks leading to fracture. These results sug-

gest that the hydrogen produced by either corrosion or

cathodic charging contributes to the TGSCC of the AZ91

alloy, and the hydrogen embrittlement (HE) is the main

TGSCC mechanism.

Figure 2 clearly shows that the b phase in AZ91 can

crack during corrosion or cathodic charging, and the

existing crack in the b phase can propagate in the absence

of an external load [42]. This can be attributed to hydride

formation and hydrogen gas accumulation. The longer the

pre-exposure time to gaseous hydrogen and the cathodic

pre-charging time, the easier the initiation and propagation

of the cracks, and also the degradation in mechanical

properties. In the presence of an external load, the corro-

sion films were easily ruptured, which favoured hydrogen

adsorption and permeation. Since the stress and concen-

tration gradient are the driving forces for hydrogen

diffusion [49, 75], hydrogen transport inside the alloy was

faster than that in the absence of an external load. This

suggests the initiation of more cracks and a further dete-

rioration in mechanical properties.

4 Conclusions

1. Atomic hydrogen, hydride, and molecular hydrogen

are the main hydrogen states inside the AZ91 alloy.

2. The b phase in the alloy experienced brittle cracking

during either corrosion or cathodic charging, and

existing cracks in the b phase can propagate in the

absence of an external load.

3. The expansion stress due to hydride formation and the

pressure developed by hydrogen gas accumulation are

responsible for crack initiation and propagation in the

b phase.

4. The absorption of hydrogen produced by either

corrosion or cathodic polarization, or adsorbed from

the gaseous phase results in the deterioration of the

mechanical properties of the alloy.

5. HE is the main mechanism for TGSCC of the AZ91

alloy in aqueous solutions.
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